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Abstract

This paper reports a discrepancy found during the analysis of wide-angle X-ray diffraction patterns from a broad range of branched
polyethylenes and describes its interpretation. The paper is the second in a sequence of three investigating the structure of polyethylene using
new methods in X-ray diffraction and molecular modelling. The X-ray diffraction patterns were recorded from both unoriented and fibre
sample forms, using reflection and transmission geometries, respectively. A common set of crystallisation conditions were used to prepare
the unoriented samples and the fibre samples were drawn from these unoriented samples using a consistent set of drawing conditions. The X-
ray diffraction patterns were fitted to two contributions, namely crystalline and amorphous components, according to standard practice for
polymers. However, a discrepancy in crystalline peak positions between low and high angle regions of each diffraction pattern was found for
all samples, in both unoriented and fibre forms. The discrepancy is interpreted in terms of an additional distinct contribution to the X-ray
diffraction pattern of polyethylene, from a third structural component of intermediate order. The scattering is consistent with partially ordered
material and is found to be correlated with not only the branch content but also the branch distribution of the polyethylene. This opens up the
possibility of tailoring the influence of the partially ordered component on the polymer’s microstructure, and hence properties, by varying the
molecular architecture and thermal history.q 2000 Elsevier Science Ltd. All rights reserved.
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1. Introduction

Many synthetic thermoplastic polymers are described as
semi-crystalline: they show both a melting transition char-
acteristic of crystalline regions and a glass transition char-
acteristic of amorphous (non-crystalline) regions. The
microstructure of such semi-crystalline polymers is there-
fore commonly described by a two component model, of
crystalline regions embedded in a matrix of amorphous
material. In the crystalline component the polymer chains
are by definition highly ordered whilst those in the amor-
phous component adopt approximately random coil confor-
mations, reminiscent of the polymer in the molten state
[1,2]. The two component model has been suggested to be
inadequate because the long chain molecules of polymers
are unlikely to tolerate the necessary discontinuity in mole-
cular order at the crystal–amorphous boundary [3]. Intui-

tively a third structural component, an interface of
intermediate order, should exist [4] and has been proposed
from both theoretical (see for example references 5–7) and
experimental (see for example references 8–16) work but
crucially not convincingly from the classic structural inves-
tigation technique of wide-angle X-ray diffraction. A
comprehensive review of the subject, supporting the exis-
tence of a third, interfacial component in unoriented, semi-
crystalline polymers, has been compiled by Mandelkern
[17], citing evidence from a broad range of experimental
techniques but wide-angle X-ray diffraction is notably
absent. The existence and quantification of a third structural
component continues to remain a controversial topic [18–
20].

Terms used to describe the suggested third structural
component have included semi-ordered, intermediate,
rigid amorphous, interfacial, interzonal, interphase and tran-
sitional zone. The major theoretical reason for proposing
this third component at the crystal–amorphous interface is
the instantaneous dissipation of chain flux necessary at the
crystallite surfaces where the chains emerge with a high
degree of molecular alignment. The chains which emanate
from the crystallite surface must either fold back into the
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crystallite, whether by adjacent or non-adjacent re-entry, or
must move away from the surface into the amorphous
matrix [21]. In the case of melt-crystallisation [22], where
the crystallisation conditions are often very far from equili-
brium, extensive and perfect chain folding is highly improb-
able and a proportion of the chains will emerge from the
crystallite surface (in polyethylene about 20% of chains
have been estimated to show adjacent re-entry [17]).
Assuming the crystallites are of infinite extent in the basal
plane, then at small distances away from each crystallite
surface, most of the chains present will have originated
from the crystallite. The average chain orientation here
will not be random as in the bulk amorphous matrix but
will be distributed around the normal to the crystallite
surface: this is the proposed semi-ordered interfacial
component. It is conceivable that the thickness of this inter-
face may be influenced by the persistence of the crystalline
chain conformation to exist beyond the crystalline environ-
ment. In the case of polyethylene, with its planar zig-zag all-
transcrystalline conformation, this persistence can perhaps
be envisaged to be stronger than polymer chains showing a
helical crystalline conformation. Nevertheless, even in
isotactic polypropylene a third structural component
(described as non-crystalline) with a 31 helical conformation
has been proposed from solid-state13C NMR spectroscopy
[23].

1.1. Unoriented polymers

The techniques which have found experimental evidence
for a partially ordered component in unoriented semi-
crystalline polymers include electron microscopy after etch-
ing or staining [14,15], differential scanning calorimetry
[24,25], dielectric relaxation and dynamic mechanical
studies [26], small angle X-ray diffraction [8,9,27], solid-
state nuclear magnetic resonance (NMR) spectroscopy
[12,13,28,29] and Raman spectroscopy [10,11,30,31]. Spec-
troscopic studies have provided most of the evidence. In
addition the discrepancies in crystallinity values determined
from different techniques have been attributed in part to
values from certain techniques including a contribution
from a semi-ordered interfacial region. For example, the
higher crystallinity values calculated in branched polyethyl-
enes by density measurements than by calorimetry are
attributed to a semi-ordered interfacial region being
included in density measurements of crystallinity but not
in calorimetry measurements [24]. In another example,
incompatible crystallinities reported in different grades of
polyethylene from small-angle X-ray scattering (SAXS) and
from wide-angle X-ray scattering (WAXS) were reconciled
by proposing that a transition layer contributed to the crys-
tallinity value obtained by SAXS but not to the crystallinity
value obtained from WAXS [32].

In NMR spectroscopy, three structural components (or
even 4 [33,34]) are reported to be needed to account for
the observed spectra and the distribution of spin–lattice

relaxation times [12,13,29,35–37]. In Raman spectroscopy
it has been stated that the spectra of polyethylene cannot be
synthesised by weighted sums of the spectra from a model
crystalline material (a paraffin) and a model amorphous
material (assumed to be molten polyethylene) [10]. The
difference spectrum which remains is proposed to originate
from a third structural component and is consistent with an
intermediate degree of order [10,11,30,38]. Raman spectro-
scopy is used routinely to quantify the proportion of the
third component in polyethylene although recently the
method has been called into doubt [18]. The issue remains
controversial [19,20].

Estimates of the thickness and proportion of the semi-
ordered interface in polyethylene have been made. Thick-
ness values have varied from 10 A˚ [5,24] to around 30 A˚

[12] and the proportion from 6 wt% (lightly branched poly-
ethylene) to 20 wt% (highly branched polyethylene)
[30,39,40]. The thickness is thought to vary with molecular
weight and its distribution and also crystallisation condi-
tions [17,41]. Regarding the nature of the third component,
it has been proposed from both solid-state13C NMR studies
[13,33,36] and Raman spectroscopy [10,38] that it consists
of transmethylene sequences which have lost lateral order
but retained an approximately planar zig-zag conformation,
consistent with the hypothesis outlined earlier.

The evidence described so far favouring the existence
of a third structural component of intermediate order in
unoriented semi-crystalline polymers has not included
evidence from the classic structural investigation technique
of wide-angle X-ray diffraction. If such a component exists
in a polymer, its scattering must be contained in the X-ray
diffraction pattern. Yet diffraction patterns from polymers
are routinely fitted, apparently satisfactorily, to two com-
ponents: a broad peak(s) corresponding to the amorphous
scattering [2] and several sharp peaks corresponding to the
crystalline scattering [42]. Disorder parameters have been
fitted to X-ray diffraction data [43] but a scattering contri-
bution consistent with degrees of order intermediate
between those of the crystalline and amorphous components
has not been identified. Opinions to reconcile this discrep-
ancy vary widely, suggesting that the partially ordered scat-
tering is included either with the crystalline [13,36] or the
amorphous [34,44] scattering. These explanations are
unrealistic, however, since the X-ray diffraction intensity
profiles from a third component of partial order must neces-
sarily be intermediate in breadth between those of the sharp
crystalline peaks and broad amorphous halo.

The location of the proposed third component within the
X-ray diffraction pattern of a polymer has been investigated
by McFaddin et al. [44]. The study compared the position of
the main amorphous halo in several polyethylenes with the
position of the maximum in the scattered intensity profile
from molten alkanes, over the temperature range 20–1408C
and diffraction angle range 10–3482u (CuKa radiation). In
polymers, the main amorphous scattering contribution, from
interchain interactions, usually occurs just below 2082u ; a
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contribution at higher angles, from intrachain interactions,
is often too weak to detect [2,45,46]. At any particular
temperature, it was supposed [44] that the molten and there-
fore non-crystalline alkane chains were random coils and
were representative in diffraction terms (peak position) of
the truly amorphous component in the solid polyethylenes at
the same temperature. It was found, however, that the maxi-
mum in scattered intensity from the molten alkanes always
occurred at a lower 2u angle (larger interchain spacing) than
the amorphous halo in the solid polyethylenes. This was
taken to indicate that not all of the material within the
envelope of the amorphous halo of polyethylene is truly
randomly packed: some of the chains were proposed to be
better packed i.e. partially ordered. The polyethylene
diffraction patterns were then refitted, forcing the amor-
phous halo to occur at the lower Bragg angle calculated
from the molten alkane data (19.482u at 208C by extrapola-
tion) and fitting an extra peak at a slightly higher angle to
account for the better packed material. The extra peak repre-
senting the ‘better packed’ material was indistinguishable in
width from the amorphous peak and weaker in intensity.
This similarity in width between the two peaks was not
compatible with the proposed different degrees of order:
the improved packing in a partially ordered component
should reduce the diffraction peak width relative to the
non-crystalline component so that the peak is intermediate
in width between the non-crystalline and crystalline peaks,
consistent with an intermediate degree of order. Further-
more, the fits which assumed just amorphous and crystalline
components were adequate: the introduction of an extra
peak in the fitting routine for a partially ordered component
did not noticeably further improve the fit and was therefore
not justified. Finally, at any given temperature it is not clear
that chains in a molten alkane and their diffraction peak
position should be representative of chains in a solid poly-
ethylene (different states, densities).

1.2. Uniaxially oriented polymers

The microstructure of semi-crystalline polymers after
uniaxial drawing is not thought to be related directly to
that before drawing (except perhaps for low draw ratios
and drawing at temperatures approaching the melting
point) although the exact effects of drawing still remain
controversial [46–50]. In highly oriented, semi-crystalline
polymers, especially those which have been cold-drawn, a
third structural component distinct from crystalline and
amorphous material is more widely accepted to exist than
in unoriented samples. However, this material is proposed to
arise largely from partial orientation of some of the amor-
phous material during drawing and hence terms used to
describe the component in fibres have included oriented
mobile and oriented amorphous material. It therefore
appears different in origin from the third component in
unoriented polymers which is proposed to exist at the
crystal–amorphous interface. At low to intermediate draw

ratios and drawing performed at temperatures approaching
the melting point, the origin of any material described as
partially ordered is likely to be difficult to ascertain.

As for unoriented polymers, the experimental evidence
for a third structural component in oriented polymer fibres is
based largely on spectroscopic studies: for polyethylene,
solid-state13C NMR [35,51–54] and Raman spectroscopy
[55,56]. Unlike unoriented polymers, however, strong
evidence has also been found from wide-angle X-ray
diffraction [57–59]. The proportion of the semi-ordered
component in fibres is generally estimated to be higher
than in unoriented polymers. For example, it has been esti-
mated to be 34% in polyethylene fibres [54] compared with
typical values around 10% in unoriented polyethylene [11].

The evidence from wide-angle X-ray diffraction for an
intermediate structural component in fibres originates from
studies of polyethylene terephthalate (PET) fibres [57,58]
and highly drawn gel-spun polyethylene fibres of ultrahigh
molecular mass [59]. The source of most of this component
in each case was proposed to be oriented amorphous
material between the fibrils as opposed to crystal–
amorphous interfaces. For the PET fibres [57,58], the
third structural component was proposed after subtraction
of the crystalline scattering from the X-ray diffraction
pattern failed to reveal the isotropic scattering expected
for truly amorphous material. After further subtraction of
an isotropic scattering component, the resulting scattering
(containing both equatorial and off-equatorial contributions)
was described as similar to the scattering obtained from a
mesomorphic form of PET [60,61]. This mesomorphic form
shows a monoclinic structure where the phenylene rings are
thought to be side-by-side, unlike the normal triclinic crystal
structure [62]. In the polyethylene study [59], a different
form of intermediate, oriented component was proposed
because no equatorial scattering contributions were noted,
only the (002) and (004) meridional reflections with higher
than expected intensities. The component was not observed
in typical high molecular weight polyethylene fibres but
only in fibres drawn from ultrahigh molecular weight
material. The chains of the intermediate phase were pro-
posed to have a mesophase structure with a largely all-
trans conformation, to be oriented preferentially parallel
to the fibre axis but disordered laterally and to be distinct
from taut tie molecules [55,63]. An earlier X-ray diffraction
study [64] of one of the polyethylene fibres used had also
been unable to fit the diffraction pattern satisfactorily to the
expected crystal structure [42]. Additional sites with frac-
tional occupancies were introduced into the orthorhombic
unit of polyethylene, retaining the two-component model;
the later investigation of the same fibre [59] proposed a
separate third component.

This paper describes a discrepancy found during analysis
and fitting of wide-angle X-ray diffraction patterns from a
broad range of polyethylenes in both unoriented and
oriented forms. The discrepancy is found consistently in
all patterns and is interpreted in terms of scattering from a
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third structural component of intermediate order. A similar
discrepancy has been noted briefly before [65], as discussed
later, although it could not at the time be explained by the
authors and was attributed tentatively to stacking faults. The
report by Howard and Crist [65] not only provides indepen-
dent verification of the phenomenon but furthermore is also
consistent with our interpretation of the presence of partially
ordered material.

This paper is the second in an accompanying sequence of
three investigating the structure of a series of branched
polyethylenes. The first associated paper [66] describes
the structural characterisation of the fifteen commercial
grades, including the effects of branch type, concentration
and distribution on the crystalline unit cell parameters. The
third paper [67] investigates the location of the short chain
branches by combining X-ray diffraction and molecular
modelling studies. Changes are detected in the values of
certain reflection intensity ratios in the X-ray diffraction
patterns and shown from molecular modelling to be consis-
tent with inclusion of the branches into the crystalline
component, but only to a limited extent. Together the
sequence presents a comprehensive and original examina-
tion of the structure of branched polyethylene, using new
methods in X-ray diffraction pattern recording and analysis
and molecular modelling.

2. Methods

Full details of the samples, the preparation techniques
used and the X-ray diffraction methods are given in the
preceding associated paper [66]. An outline follows here.

2.1. Materials

Fifteen grades of commercial polyethylene were exam-
ined which had been well characterised, particularly in
terms of branching. The materials were three grades of
homopolymer HDPE (high density polyethylene), two
grades of methyl-branched HDPE, two grades of LDPE
(low density polyethylene), seven grades of LLDPE (linear
low density polyethylene) and one grade of VLDPE (very
low density polyethylene). The branch contents ranged from
fewer than 1 SCB/1000C (short chain branches per 1000
carbon atoms) for the homopolymers (and assumed to be
0 SCB/1000C) to 31 SCB/1000C (12 wt%) for the VLDPE.
The branch types ranged from methyl to hexyl. The distri-
bution of branch placements for the LLDPE and VLDPE
grades were described by the parameter�Nw= �Nn determined
from analysis of analytical temperature rising elution frac-
tionation (TREF) data [68]. The possible values of�Nw= �Nn

range from 1.0 (indicating uniform placement of branches
along the chain backbones) up through 1.1 to 1.3 (random
placement of branches) to higher values which indicate
increasing levels of heterogeneity in branch distribution
[69]. The �Nw= �Nn values from the eight grades of LLDPE
and VLDPE were in the range 1.36 to 1.92; three grades

could be described as approximately random in branch
placement and five grades as heterogeneous. Full sample
details are given in Table 1 of the preceding associated
paper [66].

The unoriented samples were prepared by hot-pressing,
with a cooling rate of 158C min21, to a thickness of either
1.05^ 0.03 or 0.80̂ 0.03 mm. Uniaxially oriented fibres
were drawn from these unoriented samples to a draw ratio of
10, at a temperature of about 408C below the melting
temperature i.e. between 75 and 908C depending on the
branch content. This consistency in sample preparation
allowed confidence that any variations observed between
the structures would relate primarily to chemical differences
between the materials, such as the branching, rather than to
differences in thermal treatment.

2.2. X-ray diffraction from unoriented (powder) samples

Fourteen of the 15 polyethylene grades were examined by
X-ray diffraction in unoriented form. The X-ray diffraction
patterns were recorded in reflection mode at 40 kV, 40 mA
from a Siemens D500u /2u vertical diffractometer with
2.2 kW sealed tube source (copper target) and parafocusing
geometry. Secondary Soller slits and a secondary beam
monochromator were used. The slits used were a divergence
slit of 0.38; two anti-scatter slits of 0.38 and a receiving slit
of 0.158. Primary Soller slits were additionally used in some
data sets in an attempt to maximise resolution although no
significant improvement was noted. A step size of either
0.1082u or 0.0582u was used. Diffraction data were
collected from 18 reflections in the range 10–6082u .

Correction for sample transparency is rarely made in X-
ray diffraction studies but for polymers it is a potential
source of considerable error because of their low linear
absorption coefficients. A sample transparency correction
[70] was applied here on a point-by-point basis, followed
by Lorentz and polarisation correction factors, prior to
whole pattern fitting structural refinement by the Rietveld
method [71,72] using Philips PC Rietveld Plus v1.1B [73].
Fig. A1 in the preceding paper [66] shows the relative
importance of these three correction factors under the condi-
tions used here: it is seen that the transparency correction
was comparable in importance to the polarisation correc-
tion. Diffraction peaks were fitted in the range 10–6082u
using pseudo-Voigt profiles, including contributions from
the CuKa1 and CuKa2 wavelength components. The
Rietveld method fitted the positions of all peaks to a single
set of unit cell parameters. Peak widths were fitted using the
Cagliotti equation. It was not found necessary to refine the
atomic coordinates of polyethylene [42]. The amorphous
scattering was fitted to two broad peaks, one from interchain
interactions, at 19.682u and the other from intrachain inter-
actions, at 4282u [2]. A background of the formyib � c 1
ku2

i was fitted. The March model [74] was used to account
for preferred orientation which was found to be present to a
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small extent in some samples with higher molecular
weights.

2.3. X-ray diffraction from uniaxially oriented (fibre)
samples

Fourteen of the 15 polyethylene grades were examined by
X-ray diffraction in uniaxially oriented form. The fibre X-
ray diffraction patterns were recorded in transmission mode
using a novel fibre diffractometer based on a scanning CCD
camera, recently designed and built in our laboratory
[75,76]. CuKa radiation at 40 kV, 55 mA was used, with
a germanium primary focusing monochromator. The princi-
pal attributes of the system were the ability to access all
possible diffraction data from a fibre sample and to map

the data into the fibre’s cylindrically averaged reciprocal
space to produce an undistorted section through reciprocal
space. Each complete, composite fibre pattern (such as
shown in Fig. 3) was mapped to a resolution of 0.002 A˚ 21

from approximately 200 images at different reciprocal space
positions. Before mapping, each image was corrected for
non-uniformity of detector response by dividing it by the
image recorded under uniform illumination of the camera
surface by X-ray radiation. In contrast to the unoriented
diffraction data, the fibre thickness of only 0.3 mm meant
that a correction for sample transparency was not necessary.
Lorentz and polarisation corrections were also not applied.

Fitting and refinement of the patterns using Gaussian
profiles was performed using the CCP13 suite of fibre
diffraction software (Daresbury Laboratory). This software
refined the cell parameters by fitting all peak positions to a
single set of unit cell parameters and fitted the reflection
intensities but did not include full structural refinement.
Fourteen reflections were fitted: the first seven reflections
along both the equator and the first layer line. It was only
possible to fit a single wavelength component rather than
separate CuKa1 and CuKa2 components but the broadness
of the polyethylene reflections ensured that this was
adequate. The amorphous scattering contribution was fitted
as part of the background scattering.

3. Results

3.1. Unoriented (powder) samples

For unoriented samples of all grades, fitting to the whole
pattern was dominated by the two intense, lowest angle
reflections, (110) and (200), located between 21 and
2482u . A comparatively poor fit was obtained for all reflec-
tions, even for (110) and (200). This fitting is illustrated in
Fig. 1 for a methyl-branched HDPE grade (meth_5in Table
1 of the previous paper [66]). The fit to (110) and (200) is
shown magnified in Fig. 1e and reveals asymmetry in both
reflections, especially in (110). In the fit to the higher angle
reflections between 28 and 6082u , shown magnified in Fig.
1d, the peak shape is well matched, with little peak asym-
metry, but all 16 reflections are shifted to lower angles than
in the experimental data. This is revealed clearly by the
difference plot of Fig. 1d. In the more highly branched
grades the fitted higher angle reflections were also too
broad.

In an attempt to overcome the dominating influence of the
intense (110) and (200) reflections in the fitting procedure,
fitting was restricted to the higher angle region, from 28 to
6082u , thereby excluding (110) and (200). This region of fit
was then extended to include the (110) and (200) reflections,
without allowing further refinement of the fitting parameters
but merely extrapolating them to include the lower angle
region 10–2882u . The result of this fitting approach is illu-
strated in Fig. 2, for the same unoriented methyl-branched
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Fig. 1. Full (a) and magnified (d and e) views of the experimental and
calculated wide-angle X-ray diffraction pattern from an unoriented sample
of a branched polyethylene (5 methyl SCB/1000C), including absolute (b)
and normalised (c) difference plots. The calculated pattern was determined
by structural refinement of the whole pattern. (a) Experimental and calcu-
lated X-ray diffraction pattern across the full range of 10–6082u . (b) Abso-
lute difference plot (exp.2 calc). (c) Normalised difference plot,
(exp.2 calc.)/(exp.).



HDPE grade as used in Fig. 1. A good fit to the higher angle
reflections is seen in Fig. 2d. The absence of sharp negative–
positive fluctuations in the difference plot of Fig. 2d
compared with Fig. 1d confirms the good agreement
between experimental and calculated peak positions.
Furthermore, the overall magnitude of the fluctuations is
reduced: this is most clearly seen by comparing Fig. 2b
and c with Fig. 1b and c. The fit to the lower angle region

is shown magnified in Fig. 2e. This reveals that the fits to the
(110) and (200) reflections were good on the high angle
side. However, excess scattering in the experimental pattern
is seen to remain unaccounted for on the low angle side of
both reflections. Thus the experimental profiles of (110) and
(200) in Fig. 2e appear unusually broad, asymmetric and
having the peaks at too low an angle on the basis of the
unit cell parameters calculated from the good fit to the 16
higher angle reflections. If refinement of the whole pattern
was then attempted, the fitting regressed to that shown in
Fig. 1: all the fitted peaks shifted to lower angle positions
which clearly was not satisfactory for the higher angle
reflections.

To summarise, it appeared that scattering contributions
from the crystal structure of polyethylene could be fitted
rather precisely across all the diffraction pattern reflections
but excess scattering remained unaccounted for on the low
angle side of the two strongest, lowest angle (110) and (200)
reflections. This discrepancy was observed consistently in
fitting to all grades.
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Fig. 2. Full (a) and magnified (d and e) views of the experimental and
calculated wide-angle X-ray diffraction pattern from an unoriented sample
of a branched polyethylene (5 methyl SCB/1000C), including absolute (b)
and normalised (c) difference plots. The calculated pattern was determined
by structural refinement of the higher angle region (28–6082u) and extra-
polation of this fit without further refinement to include the (110) and (200)
reflections in the lower angle region (10–2882u). (a) Experimental and
calculated X-ray diffraction pattern across the full range of 10–6082u .
The sum of the amorphous halo and background scattering contained within
the calculated pattern is also shown. (b) Absolute difference plot (exp.2

calc). (c) Normalised difference plot, (exp.2 calc.)/(exp.). The two shaded
portions of excess scattering near the (110) and (200) reflections in the
magnified difference plot of (e) are seen to be broader than the calculated
crystalline components and at slightly lower angles (corresponding to
higher unit cell parameters).

Fig. 3. Interpretation of the wide-angle X-ray diffraction pattern from a fibre
sample of a branched polyethylene (the same grade as Fig. 1). (a) Experi-
mental (lower quadrant) and fitted (upper quadrant) data. The fitted pattern
was calculated by refinement to the 12 higher angle reflections in the range
28–6082u , and subsequent extrapolation of this fit to include the lower
angle (110) and (200) reflections. The faint circles atS� 0:32 �A21 andS�
0:52 �A21�S� p�R2 1 Z2�� are diffraction from silicon powder dusted onto
the surface of the fibres for calibration purposes. The fit to the higher angle
reflections is good but not to (110) and (200) (located approximately at
R� 0:25; Z � 0 �A21). (b) Detail of the (110) and (200) reflections reveal-
ing additional scattering on the low angle side of the experimental data.



3.2. Uniaxially oriented (fibre) samples

The same trends in diffraction pattern fitting as seen with
the unoriented samples were also seen with the fibre
samples of all grades. Fitting to the whole diffraction pattern
was unsatisfactory whereas fitting only to the higher angle
reflections followed by extrapolation of fit parameters to
include (110) and (200) reflections could at least account
for most of the scattered intensity. The fitting described here
refers to the latter method.

The experimental diffraction pattern from a fibre sample
of the same methyl-branched HDPE grade as shown in Figs.
1 and 2 is shown in Fig. 3. The pattern shows the intense pair
of low angle equatorial reflections, (110) and (200),
�0:23 �A21 , R , 0:27 �A21

; Z � 0� superimposed on a
shallow amorphous halo (S� 0:22 �A21, whereS2 � R2 1
Z2�: The higher angle region reflections are weaker in inten-
sity than the strongest (110) reflection by a factor of at

least 20. The calculated pattern was obtained by fitting to
a back-to-front L-shaped section with�0:32 �A21 , R ,
0:52 �A21� and�20:32 �A21 , Z , 0:52 �A21� in the experi-
mental pattern containing the 12 highest angle reflections.
These fit parameters were then extrapolated to fit to the
lower angle (110) and (200) pair of reflections, in a similar
way as described above for the unoriented samples. By
comparing the experimental and fitted patterns, the fit to
the higher angle reflections is good (Fig. 3a) whilst the fit
to the (110) and (200) reflections (Fig. 3b) is seen not to
account for all of the scattered intensity. On the low angle
side of both the (110) and (200) reflections, excess intensity
remains (Fig. 3b), analogous to that seen for the unoriented
sample in Fig. 2e.

3.3. The discrepancy in pattern fitting

The main discrepancy in fitting to different regions of
the diffraction pattern as just described (either to the
whole diffraction pattern or to the higher angle region
followed by extrapolation to the lower angle region) was a
difference in the calculated peak positions obtained and
therefore a difference in the crystal unit cell parameters.
The a andb unit cell parameters refined from fitting to the
whole pattern (or just to the (110) and (200) reflections)
showed a consistent enlargement over those refined from
the higher angle reflections, in both unoriented and fibre
sample forms. This is illustrated in Fig. 4. The unit cellc
parameter can only be obtained from fitting to the higher
angle reflections and so a discrepancy for this was not
obtained. Fig. 4 shows that the size of the discrepancy
in the a and b unit cell parameters was similar across
all the unoriented samples. This was unlike the fibre
samples which show considerably higher discrepancies in
Fig. 4 than the unoriented samples. The extent of the discre-
pancy appears to be related to the grade of polyethylene, or
in other words the branch content seems more influential
than the branch type. The enlargement was greatest for the
most highly branched grades, namely LLDPE and VLDPE.
The unoriented sample data points are so heavily over-
lapped that they are not differentiated in symbol according
to the grade of polyethylene; they are instead shown by error
bars.

The relationship in the fibre samples between the discrep-
ancy in unit cell parameters from refinement to the different
regions of the diffraction pattern and the type of polyethy-
lene is shown in more detail in Fig. 5. This shows the
discrepancy as a function of branch content and the branch
type is shown by the graph symbol used. In Fig. 5a,Da is
defined as the difference between thea unit cell parameter
value obtained from refinement to the (110) and (200)
reflections alone, and that obtained from refinement
to the higher angle reflections:Da� a�110&200�2
a�higher angle region�: Equivalent definitions were applied
to theb unit cell parameter values of each sample and the
values of the productab, representing the unit cell basal area
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Fig. 4. Scatter plots of thea andb unit cell parameters refined from two
different ranges of the X-ray diffraction pattern, for unoriented and fibre
samples of 15 branched polyethylenes. The two ranges used for separate
refinements were the (110) and (200) reflections (10–6082u), and 16 higher
angle reflections (12 in the case of the fibre samples) (28–6082u). The solid
lines labelledy� x show wherea(110 and 200)� a(higher angle region)
andb(110 and 200)� b(higher angle region). The data-points should fall on
these lines if there were no discrepancy between the two refinements; those
data-points furthest from the lines show the greatest discrepancy. The fibre
samples show a broader range of unit cell parameter values and also higher
discrepancies than the unoriented samples; the largest discrepancies are
seen for the more highly branched grades (LLDPE and VLDPE). The
unoriented sample data-points are relatively tightly clustered, showing little
variation in the magnitude of the discrepancy; for reasons of clarity they are
not identified according to sample category.



in Fig. 5b and c. An increase in the unit cell parameter
discrepancy with increasing branch content is seen in Fig.
5 although there is considerable scatter in data-points, parti-
cularly for the cluster of more highly branched grades
around 15 SCB/1000C (LLDPE grades). The increase
reached significance, however, (P , 0.05, t-test on regres-
sion slope) for theabproduct representing the unit cell basal
area (Fig. 5c).

A relationship was also found between the discrepancy in
cell parameters and the branch distribution of the polyethy-
lene; this is shown in Fig. 6. The branch distribution was not
known for all grades but Fig. 6 shows the seven LLDPE
grades which had similar branch contents, in the range

15^ 3 SCB/1000C, and for which the branch distribution
�Nw= �Nn parameter was known from TREF analysis. With
increasing levels of heterogeneity in branch distribution,
Da appears to decrease whilstDb appears to increase
although the effects did not reach levels of significance.
The net effect onD(ab) was negligible. This apparent
dependence ofDa andDb on branch distribution as well
as branch content can account for much of the scatter in
Fig. 4. The compensating effect shown in Fig. 6 ofDa and
Db depending on branch distribution in the opposite sense
would also explain the reduced scatter of the cell basal area
plot where the branch content trend reached significance
(Fig. 5c).
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Fig. 5. The difference in unit cell parametersa (a) andb (b) and the unit cell
basal areaab (c) from refinements to the (110) and (200) reflections and
higher angle reflections (28–6082u) for the fibre samples, as a function of
branch content. These differences,Da andDb, are the discrepancy values
referred to in Fig. 4. The linear regressions are shown by a solid line if the
slope was significantly different from zero (P , 0.05,t-test), dotted other-
wise. The plots show an increase in the cell parameter differences as the
sample branch content is raised. There is no clear effect of branch type.

Fig. 6. The difference in unit cell parametersa (a) andb (b) and the unit cell
basal areaab (c) from refinements to the (110) and (200) reflections and
higher angle reflections (28–6082u ) for the fibre samples, as a function of
branch distribution. These differences,Da and Db, are the discrepancy
values referred to in Fig. 4. The linear regressions are shown by a solid
line if the slope was significantly different from zero (P , 0.05, t-test),
dotted otherwise. The plots show an increase in the cell parameter differ-
ences with increasing heterogeneity in branch placement. There is no clear
effect of branch type.



4. Discussion

4.1. Interpretation of the discrepancy in pattern fitting

The inconsistency illustrated in Figs. 1 and 3 between
fitting to the two lowest angle reflections, (110) and (200),
and the higher angle reflections of polyethylene is believed
to be genuine and not an artefact of the recording conditions
nor refinement procedures, for the following reasons. (1)
The discrepancy was found in all fifteen grades examined
which covered a broad range of branch types (methyl to
hexyl) and contents (0 to 31 SCB/1000C atoms, or up to
12 wt %). (2) The discrepancy was found in both unoriented
and fibre samples. (3) The patterns from the two sample
forms were recorded on two different diffractometers with
different diffraction geometries (reflection and transmission
modes for the unoriented and fibre forms, respectively) and
analysed by two methods, one structural (the Rietveld
method) and one non-structural (constrained fitting of
peak positions via the unit cell parameters but not
constrained fitting of intensities). (4) Goniometer alignment
procedures and correction factors were applied, including a
sample transparency correction for the reflection diffraction
data [70], whose importance is rarely recognised for poly-
mers. (5) The fitting to all higher angle reflections covering
a range of 3082u was good and consistent in terms of peak
shapes, positions and widths, and yet for the two lowest
angle reflections, less than 1082u away, the fitting was
poor in terms of peak shapes, positions and widths. (6)
The difference between the unit cell parameters fitted to
the two lowest angle reflections and the higher angle reflec-
tions was correlated with the branch content (Figs. 4 and 5)
and furthermore branch distribution (Fig. 6). (7) Although
anomalous in terms of reflection shape, position and width,
the two lowest angle reflections still encompassed the crys-
talline scattering predicted from the higher angle reflections.
(8) Finally, a similar discrepancy in the position of the (110)
reflection has been briefly noted before [65]. Although it has
never been mentioned in the literature within the context of
a partially ordered component, the discrepancy found by
Howard and Crist [65] will now be discussed and related
to the discrepancies found in this paper.

Howard and Crist [65] studied the cell parameters of a
series of model ethyl-branched polyethylenes, in oriented
form. It was during their careful analysis of the X-ray
diffraction pattern peak positions that they noted a discrep-
ancy in the (110) reflection; a summary of their procedure
follows. The polyethylenes were made into isotropic films,
drawn to failure at room temperature (draw ratios in the
range 1.0–7.3) and annealed under fixed length conditions
at a temperature 208C below the melting point for 2 h.
Diffraction patterns from the drawn films along the equator
and up the meridian to the (002) reflection at 7582u were
recorded in symmetric transmission mode using CuKa
radiation. A comprehensive series of correction factors
were applied to the data, including for sample transparency.

An unexpected feature of the study was that the experi-
mental (110) interplanar spacing was consistently larger
than that predicted from thea and b unit cell parameter
values fitted to all the reflections i.e. as found in our
study, the (110) reflection occurred at a lower angle than
expected.

Regarding differences in methods, Howard and Crist [65]
fitted unit cell parameters from reflections up to (002) at
7582u whereas we excluded the (110) and (200) reflections
and fitted them from the 16 higher angle reflections in the
range 28–6082u (12 reflections in the case of the fibre
samples). As in our study, the discrepancy was highest for
the most highly branched samples. Unlike our study,
however, no discrepancy was noted in the position of the
(200) reflection by Howard and Crist [65]. The discrepancy
was argued to be genuine but it could not be explained. It
was attributed tentatively to stacking faults although
attempts to model the peak displacement from such faults
were reported to have been unsuccessful and were not
described.

We believe that the discrepancy noted by Howard and
Crist [65] is commensurable with that reported here and
there are several explanations for why a discrepancy in
the position of (200) was not also noted by Howard and
Crist [65]. From our data, the discrepancy in the (200)
reflection peak position was nearly always smaller than
for the (110) reflection. Also, the magnitude of the (110)
peak position discrepancy reported here (maximum value
0.042 Å) tended to be larger than that reported by Howard
and Crist [65] (maximum value 0.030 A˚ ) and so probably
the discrepancy in (200) peak position would have been
smaller than that reported here and not detectable by
Howard and Crist [65]. Furthermore the (200) reflection is
weaker in intensity and broader than (110) and so is prone to
larger errors in fitting. The cumulative effect of all these
observations is that it is probably not significant and perhaps
not surprising that Howard and Crist [65] reported a discrep-
ancy in peak position only for the (110) reflection and not
also for the (200) as found here.

A potential source of discrepancy between observed and
expected peak positions in an X-ray diffraction pattern is the
influence of the molecular transform, since an X-ray diffrac-
tion pattern is the product of the Fourier transform of the
unit cell (the molecular transform) and the reciprocal lattice.
It is conceivable that the molecular transform at the point
sampled for the (110) and (200) reflections could be a point
of high variation such that the slope of the molecular trans-
form would be sufficient to cause a shift in the position of
these reflections. This effect was investigated. First, an
equatorial section through the molecular transform of poly-
ethylene in cylindrically averaged reciprocal space was
calculated. A diffraction pattern from one of the HDPE
grades was then divided by this molecular transform section
and the difference in peak positions of the equatorial (110)
and (200) reflections caused by the slope of the molecular
transform was calculated. The peak shifts found were
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minimal (,0.0182u) and below the resolution of the diffrac-
tion data collected. Thus the influence of the molecular trans-
form cannot explain the peak shifts found experimentally.

We propose that the discrepancy found here between
fitting to the (110) and (200) reflections and the higher
angle reflections (and the discrepancy in (110) interplanar
spacing noted by Howard and Crist [65]) using a two
component model of crystalline and amorphous material
can be explained by the presence of a third component of
partial order. The (110) and (200) reflections are proposed to
contain scattering from both crystalline and partially
ordered regions whilst the higher angle reflections contain
essentially only crystalline scattering: fitting to the 16
higher angle reflections (12 for the fibre samples) using
the crystalline component was satisfactory across the
whole range, 28–6082u .

The structure of the third component is likely to be based
on that of the crystalline material because the scattering
contributions from the two components were so closely
associated. It therefore seems reasonable to suggest that
the scattering may have originated from the surfaces of
the crystallites, consistent with the interfacial component
described earlier. Considerable evidence in support of this
structural picture is available from a range of experimental

techniques, as discussed earlier, but significantly not from
the traditional structural investigation technique of wide-
angle X-ray diffraction used here.

The third component is thought to have a lower degree of
order than the crystalline component since its scattering
contribution to the higher angle crystalline reflections was
negligible. Such diminution in scattered intensity with angle
can be interpreted by X-ray diffraction and paracrystallinity
theory: as structural distortions and disorder are introduced
into a crystalline material, the scattered intensity attenuates
and broadens rapidly with scattering angle, appearing
instead as part of the background [77]. For polyethylene,
where the crystalline scattering is dominated in intensity by
the two lowest angle reflections, the scattering contribution
from such a partially ordered component to the weaker,
higher angle crystalline reflections can be anticipated to
be attenuated and broadened sufficiently so as to be merged
with the background and irresolvable.

Qualitatively, it has been observed here from pattern
fitting of the unoriented polyethylenes that the (110) and
(200) reflections appeared more asymmetric in profile than
the other reflections, with a broader tail on the low angle
side (Fig. 2). Asymmetry of peak profiles is, however, a
feature of the parafocusing conditions of Bragg–Brentano
diffraction and an increase in peak asymmetry is expected at
lower Bragg angles and is additionally enhanced by trans-
parent, thick samples [70], although the effect of transpar-
ency had been corrected for here. Our evidence for a
partially ordered component in polyethylene is based
primarily upon the well-defined shift reported above in
peak position for (110) and (200). It is mathematically diffi-
cult to demonstrate definitively a change in degree of peak
asymmetry and it is not straightforward to ascertain whether
such an increase in asymmetry is significant over that
expected from the effects of diffraction geometry. Further-
more, fitting to (110) and (200) was hindered by overlap
with the main amorphous halo, and several of the higher
angle reflections were themselves overlapping. However,
fitting to overlapping peaks in a diffraction pattern of a
pure material where the structure is well known and
where the data have high signal to noise ratio is relatively
straightforward. The peaks were not fitted independently but
according to one set of unit cell parameters, and there were
sufficient non-overlapping peaks for unambiguous deter-
mination of the unit cell parameters. It is also worth noting
that the symmetric pseudo-Voigt function proved adequate
for fitting to all of the higher angle reflections with a single
set of unit cell parameters, covering a range of over 3082u
(28–6082u ) and yet for the (110) and (200) reflections less
than 1082u away, a noticeable degree of asymmetry was
observed.

4.2. Comparison of peak asymmetry between a polyethylene
and a paraffin

As a check for the degree of peak asymmetry present

A.M.E. Baker, A.H. Windle / Polymer 42 (2001) 667–680676

Fig. 7. Simple estimate of the degree of peak asymmetry in three reflections
from the wide-angle X-ray diffraction pattern of an unoriented sample of a
branched polyethylene (5 methyl SCB/1000C). (a) the (110) and (200)
reflections and (b) the (020) reflection (from the higher angle region).
The solid lines show the experimental data, after subtraction of amorphous
and background scattering. The dashed lines show the high angle side of
each reflection mirrored about the position of maximum intensity, as a
simple test for the extent of peak asymmetry. Note: this figure should not
be confused with Fig. 2d which shows instead the result of fitting a struc-
tural model to the X-ray diffraction pattern. The (020) reflection shows little
asymmetry compared with the (110) and (200) reflections.



here, the asymmetry in reflections from one of the
unoriented samples of HDPE was estimated simply and
qualitatively by mirroring the higher angle side of the reflec-
tion through the point of maximum intensity onto the lower
angle side. This mirroring is shown in Fig. 7 by a dashed line
and reveals the considerable asymmetry present in the (110)
and (200) reflections, in contrast to the comparative symme-
try of the next most intense reflection, (020) at 3682u . The
amorphous and background scattering contributions were
subtracted from each reflection prior to the asymmetry test.

As a further check of the apparent peak asymmetry in the
(110) and (200) reflections of polyethylene, we also exam-
ined these reflections from a very low molecular weight
polyethylene, C36H74 (n-hexatriacontane). The short, mono-
disperse chains of this paraffin are known to crystallise read-
ily and extensively without chain folding [22,78] to produce
essentially a fully crystalline polyethylene. A partially
ordered component, if it exists at all in C36H74, must there-
fore represent no more than a tiny mass fraction of the
paraffin. Any asymmetry present in the X-ray reflections
from the paraffin is therefore expected to be slight and attri-
butable largely to the effects of the X-ray diffraction geo-
metry. This assumes that the asymmetry noted above in
polyethylene was indeed caused predominantly by the
proposed third component of partially ordered material
rather than diffraction geometry, as indicated by Fig. 7. If
the asymmetry seen in the polyethylenes were caused by the
diffraction geometry, however, then similar degrees of peak
asymmetry would be expected for the polyethenes and the
paraffin. The C36H74 paraffin (molecular weight 5× 102) was
melt-crystallised to produce a sample with similar thick-
ness (0.78̂ 0.03 mm) to the polyethylene sample of
Fig. 7 (1.05̂ 0.03 mm). This was examined under the

same X-ray diffraction conditions described earlier for the
unoriented polyethylenes. The linear absorption coefficients
of all polyethylenes and paraffins are very similar and so the
same correction for sample transparency as for the poly-
ethylenes was also applied to the paraffin data.

The chain structure and packing of polyethylene and
C36H74 paraffin are very similar [79] although the diffraction
patterns from such paraffins are more complex because end
effects from the relatively short chains reduce the crystalline
symmetry from that present in polyethylene, elongating the
unit cell length parallel to the chain axis. Furthermore,
C36H74 shows polymorphism, a common feature of paraffins.
The diffraction pattern recorded from the C36H74 sample
accordingly contained many more reflections than found
in polyethylene. However, the underlying similarity in the
structure of the paraffin to polyethylene was confirmed by
the dominance of two strong interchain scattering reflec-
tions in the region just above 2082u , equivalent to the
(110) and (200) reflections of polyethylene.

The same range 20.5–24.582u as shown for polyethylene
in Fig. 7 is shown for C36H74 in Fig. 8. It appears to contain
five reflections although it was important to verify this
before applying the asymmetry test in order to be aware
of any overlapping peaks. Five peaks (with similar positions
and relative intensities as those shown in Fig. 7) were also
identified in this range by Reynhardt et al. [80] in their study
of melt (and solution) crystallised C36H74 and assigned to
one monoclinic and two orthorhombic structures. A weak
shoulder on the high angle side of the main peak near 2182u
from one of the orthorhombic structures [81] had been
predicted by simulation but not identified experimentally
[80]. Close examination of Fig. 8 reveals that a faint
shoulder may be present at 21.882u which if genuine will
influence the asymmetry test but only to a slight extent.
Having established the number and position of the reflec-
tions present in Fig. 8, the same procedure was applied to
the two main reflections as applied to polyethylene in Fig. 7.
The higher angle side of each reflection was mirrored
through the point of maximum intensity onto the lower
angle side, to estimate the extent of peak asymmetry present
in the paraffin and is shown by the dashed line in Fig. 8. In
spite of the two main reflections being partially obscured by
overlap with weaker reflections, the general high degree of
symmetry compared with the equivalent peaks in polyethyl-
ene (Fig. 7a) is clear. Figs. 7 and 8 are therefore consistent
with the argument that unoriented polyethylenes contain
partially ordered material, unlike paraffins.

4.3. Estimating the form of scattering from the partially
ordered component

Evaluation of the exact nature of the partially ordered
scattering was hindered by the heavy overlap of scattering
from all three components (crystalline, amorphous and
partially ordered) in the region of the (110) and (200) reflec-
tions, the scope in fitting to the broad amorphous halo and
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Fig. 8. Simple estimate of the degree of peak asymmetry in the wide-angle
X-ray diffraction pattern of a paraffin, C36H74 (n-hexatriacontane). The
region is the same as shown for polyethylene in Fig. 7a. The sample was
made and the pattern was recorded under similar conditions to those used
for the polyethylene, enabling direct comparison between the two patterns.
Unlike polyethylene which shows two reflections in this region of 20.5 to
24.582u (Fig. 7a), the paraffin shows an additional three reflections because
it contains several different crystal structures; the arrows identify the five
reflection positions [80]. The paraffin clearly shows very little if any peak
asymmetry on the two main reflections, analogous to the higher angle (020)
reflection of polyethylene but unlike the lower angle (110) and (200) poly-
ethylene reflections.



the uncertainty in the temperature and scale factors of the
crystalline component which are refined from the weak,
higher angle reflections. These temperature and scale factors
affect the proportion of the (110) and (200) reflection inten-
sities attributed to the crystalline component. The extreme
difference in intensities between the (110) and (200) reflec-
tions and the higher angle reflections where the temperature
and scale factors were refined meant that small variations in
the temperature factor which hardly affected the fit to the
higher angle reflections had considerable influence on the
predicted intensity of the (110) and (200) reflections. With
the close association of the crystalline and partially ordered
scattering, it was not found possible to extract a precise
value of the crystalline temperature factor and thus the
proportion of intensity attributable to crystalline material
within the (110) and (200) reflections could not be deter-
mined accurately. However, in spite of the uncertainty in
quantifying the partially ordered scattering, there was no
uncertainty in the presence of such scattering in all samples.

An estimate of the form of scattering by the third com-
ponent was obtained from the difference plot between the
observed and calculated (crystalline plus amorphous) inten-
sities and is reproduced from Fig. 2e (shaded portions) in
Fig. 9a. This excess scattering shows two peaks, each
broader and slightly lower in Bragg angle than the crystal-
line reflections. The profiles are highly asymmetric which
indicates that the origin of the scattering cannot be charac-
terised by a single set of structural parameters but rather that
a range of degrees of order is likely to be present. For the

(110) reflection at 21.582u , the partially ordered scattering
appears to extend to merge with the scattering of the amor-
phous halo at 19.682u . The skew on the low angle side
represents scattering from material with increasing levels
of distortion and disorder and longer interchain spacings.

Fig. 9 illustrates the difference between our estimate of
the scattering profile for the partially ordered component,
taken from Fig. 2d(ii) and the estimate of McFaddin et al.
(1993). The estimates are drawn approximately to scale with
the crystalline and amorphous components. It is seen that
our partially ordered scattering estimate is more similar to
the crystalline scattering whereas the estimate of McFaddin
et al. (1993) is more similar to the amorphous scattering.

4.4. The nature of the partially ordered material

The nature of the partially ordered material appears likely
to depend on many factors, for example sample molecular
weight, crystallisation conditions, heat treatment, the draw
ratio used for fibres and temperature. Our study indicates
that it is also affected by the branch content and distribution.
Such a broad range of contributory factors would explain
the variation in findings reported in the literature and the
apparent lack of firm knowledge regarding the exact nature
of the partially ordered material.

An experimental indication of the structural location of
the partially ordered component was given by the fibre
diffraction patterns. In a fibre pattern, diffraction from
unoriented material appears as concentric circles each of
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Fig. 9. A simple representation of the different nature of the partially ordered scattering contribution to the X-ray diffraction pattern of polyethylene proposed
in this paper (a), and by McFaddin et al. (1993) [44] (b). The scaling between the three components in (a) and (b), the crystalline, partially ordered and
amorphous scattering, should be used only as an approximate guide. We have found the partially ordered scattering to be more similar to the crystalline
scattering than the amorphous scattering, contrary to McFaddin et al. (1993) [44].



uniform intensity around the azimuth whilst diffraction from
highly oriented material appears as short arcs. Fig. 3 shows
that most of the scattering attributed to the third component
was strongly aligned over the crystalline reflections although
displaced to lower angles (larger lattice parameters). Thus the
partially ordered material appears to share the same orienta-
tion and a similar extent of alignment as the crystalline
material. These observations suggest that the two com-
ponents are physically linked and the crystallite surfaces
are an obvious location where such association could
occur. The reasons for anticipating a partially ordered
component at the crystallite surface are well known and
were described in Section 1. For example, the chain packing
at the surfaces of the crystals may be looser than within the
bulk of the crystal. In addition, branches may be more easily
accommodated at the crystal surfaces, particularly if the
chains are less restrained in their packing. It has also not
escaped notice that such scattering would be consistent with
buried folds [82,83] within the crystallites which would
gradually introduce the reduction in chain flux necessary
at the crystallite surface for the transition to the amorphous
component. Furthermore, it is conceivable that some of the
partially ordered material could have originated from the
localised loss of crystalline packing caused by increased
levels of branching in a crystallite, particularly at the crys-
tallite surfaces. The subject of inclusion of branches into the
crystalline component and the influence of branch concen-
tration is the subject of the third paper in this associated
sequence [67].

5. Conclusions

A discrepancy concerning the peak positions in X-ray
diffraction patterns from polyethylene has been found and
interpreted. The discrepancy was found in all patterns
recorded from a broad series of commercial grades, in
both unoriented and uniaxially oriented sample forms. The
extent of the discrepancy is most severe for the more highly
branched polyethylenes and a relationship with branch
distribution has also been found. The anomaly is attributed
to the presence of a partially ordered component, found
aligned with the crystalline component, in addition to the
usual crystalline and amorphous components. Such a struc-
tural component has been proposed before from both theory
and experimental work but intriguingly not until now from
the traditional structural investigation technique of wide-
angle X-ray diffraction.
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